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Abstract

Dynamic fatigue behavior of a siliconized SiC, a
sintered B-SiC, and a SiCp (silicon carbide parti-
cle)-reinforced Al,O3 formed by directed oxidation
of Al metal, which are considered for use in heat
exchangers in coal-fired power plants, were evalu-
ated at 1100 and 1400°C in air. Four-point flexure
specimens were tested at five stressing rates from
37MPa s to 0-0001 MPa s™! resulting in total
times to failure up to 1200 h. Thirty specimens of
each material were tested at the fast-fracture condi-
tion and 10 specimens were tested at the four
dynamic fatigue conditions at each temperature. At
1100°C none of the materials exhibited any loss of
strength as a function of stressing rate and very little
tendency to creep was observed. At 1400°C the sin-
tered B-SiC exhibited no strength loss, while the
siliconized SiC showed a significant loss of strength
and some signs of creep at stressing rates less than
0-01 MPa s=!. The SiCp reinforced Al,O; exhibited
extensive creep at stressing rates ranging from 0-01
to 0-0001 MPa s=! at 1400°C, in fact at the slower
stressing rates the creep was dominant and the spe-
cimens could not be brought to fracture in the four
point flexure fixtures. Extensive fractography showed
that the failure mode for the sintered B-SiC was
indeed a fast-fracture mode at all temperatures and
stressing rates, the specimens mostly failing from
pores in the microstructure. The siliconized SiC failed
partly from pores and partly from metal inclusions at
1100°C and fast stressing rates, and at 1400°C at
slower stressing rates slow crack growth was observed
to occur with the Si-metal inclusions as starting
points. The failure modes in SiCp reinforcedAl,0;
changed from fast fracture from residual Al-alloy
rich areas to a creep failure at intermediate stressing
rates at 1400°C. © 1997 Elsevier Science Limited.
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1 Introduction

In order for the United States to be able to con-
tinue to use coal as a major energy source in elec-
tricity production, future coal-fired systems must
have minimal environmental impact and operate at
much higher thermal efficiencies than the present
systems. These systems must have low emissions of
NOy, SOx and particulates, and will have lower
CO, emissions due to a higher thermal efficiency of
the overall power generation cycle. Significant
improvements in efficiency compared to current
systems will require a change to gas turbines
(Brayton Cycle) instead of exclusive reliance on
steam turbines (Rankine Cycle). In order to maxi-
mize efficiency, the working fluid at the turbine
inlet must be at the highest possible temperature
relative to ambient. Furthermore, to minimize cor-
rosion and erosion of the stators and rotors in the
turbine, it is preferable that air rather than com-
bustion products be used for the working fluid.
This can be achieved through the use of ceramic
heat exchangers which can operate at temperatures
up to 1600°C.1

The concept of ceramic heat exchangers, for use
in externally fired combined cycles (EFCCs) for
power generation, has been evaluated over several
years. Much work was conducted in the late 1970s
and early 1980s to conceptualize the design, test
materials, and build prototypes.>® Several materi-
als were tested in combustion environments, and in
some environments SiC survived quite well.”-14

The leading candidate materials for high-tem-
perature pressurized heat exchanger application
are still SiC-based ceramics, due to their potentially
low cost and demonstrated fabrication technology
relative to alternate refractory materials. Consid-
erable improvement in the properties of these
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materials has been achieved, to the point that they
are reaching maturity as engineering materials.
Some high-temperature mechanical property data
for clean environments are available; however, the
amount of long-time data for creep and slow-crack
growth (SCQG) is limited. In addition to the sintered
and siliconized SiC materials, other materials have
recently been proposed. A relatively new SiC par-
ticulate-reinforced Al,O; ceramic has emerged as
another candidate for this application,'® but except
for some creep results, there is very little long-term
data available.!® This particulate-reinforced mate-
rial is produced by directed oxidation of molten
metal containing the reinforcing phase, and the
resulting composite contains some residual Al-
metal (~13%) and porosity. The phase composi-
tion can be tailored to specific mechanical require-
ments. The thermal shock properties, as well as the
thermal conductivity, are good for this type of
material. Initial results further indicate that the
composite has good corrosion resistance both in a
coal slag environment and in sodium silicates.!”1?

The high-temperature mechanical properties of
sintered and siliconized SiC have been reported by
many authors.2%35 However, these materials have
been under continuous development for many
years, and several of the earlier reports describe
materials with properties inferior to today’s mate-
rials having essentially the same names. Work by
Trantina and Johnson?® and Evans and Lange?! on
sintered SiC with boron as the sintering aid showed
promising mechanical properties up to 1400°C. It
was found that sintered SiC had essentially no
SCG in air, measured by double torsion (DT) or
dynamic fatigue, at 1550°C. The siliconized and
hot-pressed SiC exhibited some SCG, with crack
velocity exponents, n, ranging from 20 to 50.20-2!
Quinn and Katz?? performed stepped-temperature
stress-rupture tests on sintered «-SiC at 1000 to
1400°C. At 1200°C they reported a time-dependent
failure which would be typical of SCG behavior
with n=40. However, there was no fractographic
evidence of SCG, and the observed strength
degradation was attributed to oxidation of surface
connected porosity. They also indicated that this
behavior would not be observed in specimens with
artificially induced flaws (indentation or DT)
because these specimen types failed at stress levels
which were not high enough to cause stress cor-
rosion. The specimens stepped up to 1400°C
showed fractographic evidence of SCG. McHenry
and Tressler tested hot-pressed SiC and sintered
a-SiC.?324 They found no SCG for «-SiC at low
oxygen partial pressures, but after oxidizing the
specimens in air at 1200°C for 15h, SCG was
observed in both materials. Easler, et al.?® evalu-
ated the room-temperature fast-fracture strength

after oxidizing «-SiC and hot-pressed SiC
(NC203) with and without mechanical stress.
More severe oxidation and subsequent weakening
were reported in the specimens exposed under
applied stress. Later work also demonstrated that
SCG was observed in the hot-pressed material
after oxidation under stress.262° Depending on
the type of test and the temperature, crack
blunting or crack growth will occur in this mate-
rial. The amount of SCG will depend on the level
of oxidation, which again will depend on flaw
shape and size, such that blunting would be pre-
ferred over growth for some material-test-tem-
perature combinations. Some creep studies of
sintered «-SiC have been performed,”3° and a
creep exponent of one was found in bending. A
number of creep studies have been performed on
various types of siliconized SiC, and it was
reported that there is competition between creep
and SCG as described above.3> The creep
mechanism is characterized mostly by the forma-
tion of cavities at the silicon-silicon carbide
interface, with the aid of high localized stresses
and impurities in the silicon phase, and by cavity
formation on the facets of large SiC grains which
typically exist in this material. The creep proper-
ties of Si-SiC are strongly dependent on the
amount of Si and its distribution in the micro-
structure.

2 Experimental procedure

2.1 Materials and procedures

The SCG properties of three materials are com-
pared in this work. These are NT230 Si-SiC from
Saint-Gobain Norton; 8-SiC from Coors Ceramics
Co.; and SiCp/AlLO; from Du Pont Lanxide
Composites Inc. NT230 SiC is a siliconized silicon
carbide and contains ~8 vol% free silicon metal
and some residual porosity (~2%); g-SiC is a sin-
tered silicon carbide with a fine grain structure and
high density. The SiCp/Al,O3, which is manufac-
tured by the Lanxide Directed Metal Oxidation
Process, contains 48 vol% SiCp, 38 vol% Al,O;,
and 13 vol% Al-alloy. Some residual porosity
(~1%) is also present in the material. The SiC
ceramics were tested as machined while the SiCp/
Al,O; was reoxidized by the manufacturer after
machining. The three materials were tested in four-
point flexure at 1100 and 1400°C, using a hydraulic
flexure testing system operating in load control.
Fast-fracture tests were carried out at a loading
rate of 45N s~ !, resulting in a stressing rate of
37MPa s~ ! at all three temperatures (30 specimens
at each temperature); specimen size was 3 x 4 x
50mm and inner and outer spans were 20 and
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40 mm, respectively. Dynamic fatigue experiments
were performed at 1100 and 1400°C in air at load-
ing rates from 1-2N s~! to 0-00012N s~!, resulting
in stressing rates of 1-0,0-01, 0-001, and 0-0001 MPa
s~1 (10 specimens at each condition). The purpose
of the dynamic fatigue experiments was to deter-
mine if SCG existed in these materials. This
experimental data was obtained to serve as a base-
line for later studies of these materials in en-
vironments expected in advanced coal-burning
combined-cycle systems.

2.2 Dynamic fatigue

The conventional approach for comparing the
SCG behavior of various materials is to determine
and compare the slow-crack growth parameter, n,
as determined by the fracture mechanics model.3¢-37
In this model, the subcritical crack velocity is
commonly expressed empirically as a power func-
tion of the applied stress intensity factor, K, at the
crack tip:

Koy,

- VO(KIC

where vy and n are environmentally dependent
constants, and K¢ is the critical stress intensity
factor. The crack velocity exponent »n is determined

in the dynamic fatigue experiment by measuring
the fracture stress as a function of stressing rate a,:

a}“ = B(n+1)o "0,

where oy is the fracture strength at the given stres-
sing rate, o; is the inert (fast-fracture) strength,
and:

_ ZK%C
a (n — 2)V() Y2

with Y as a specimen/crack geometry factor.

2.3 Static fatigue

Static fatigue tests were performed in order to
investigate the SCG to creep transition. Two types
of flexural static test were conducted using the
same four-point flexure fixtures as described above;
a static load was applied for 300 h, or a static load
was applied every 100h in steps corresponding to
50 MPa up to a total of 500h or to failure. Displa-
cement was monitored during loading, and after
the test permanent curvature was measured.

2.4 Fractographic investigation
Fractography is a necessary tool in assessing SCG
behavior. If strength degradation is observed as a

function of time, microscopy can aid in determin-
ing the mechanisms for the degradation, i.e. whe-
ther SCG or other strength-degrading mechanisms
are operative. Fractography was performed by
light optical and scanning electron microscopy
(SEM) methods. The importance of performing
fractography in experiments like these cannot be
over estimated, as it is important to determine
whether the fracture mode changes with time,
temperature, environment, and crack velocities.?238

3 Results and discussion

The fast-fracture strengths of the three materials
are shown in Figs 1 and 2, for 1100 and 1400°C
respectively. A summary of the strengths and Wei-
bull parameters is given in Table 1, where the room
temperature fast-fracture strengths have been
included for comparison. The dynamic fatigue
results for the three ceramics are shown in Figs 3
and 4, for 1100 and 1400°C respectively.

The Si-SiC exhibited a slight increase in the fast-
fracture strength from room temperature to
1100°C, and then a significant drop in strength was
observed at 1400°C. The Weibull modulus, m, for
each of the three sets of 30 specimens ranged from
11, at room temperature, to 3, at 1400°C. As can
be seen from Fig. 2, the strength values for the Si-
SiC measured at 1400°C seemed to fall into two
groups as indicated by the different symbols in the
figure. Investigation of these two groups revealed
two different fracture initiating flaws, pores or
metal-rich areas, corresponding to two different
production batches. The appropriate approach
will therefore be to separate these strength data
into two different exclusive flaw populations and
perform the Weibull analysis accordingly. For a
discussion of these results and their implications,
see Breder (1995).%° At 1100°C no strength reduc-
tion was observed as a function of stressing rate
for the Si-SiC material, however, the scatter in
the strength results was quite high. The strengths
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Fig. 1. Weibull graphs of fast-fracture strength for Si-SiC, g-
SiC, and SiCp/Al,O; measured at 1100°C.
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measured at the slowest stressing rate
(0-0001 MPas™'), at 1100°C, were consistently
found to lie around 450MPa, and typically
required a time to failure of about 1250 h. In order
to check if the specimens had undergone creep in
that time, the load deflection curves were moni-
tored and the specimens were inspected for perma-
nent deflection after the test. At 1100°C no
significant residual deflection was observed.

At 1400°C, a significant strength reduction was
seen as a function of stressing rate for the Si-SiC
ceramic. Also, more scatter was apparent in the
strength data at the various stressing rates, a result
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Fig. 2. Weibull graphs of fast-fracture strength for Si-SiC, g-
SiC, and SiCp/AlL,O; measured at 1400°C. The open and
closed symbols for Si-SiC refer to two different material
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Fig. 3. Strength as a function of stressing rate for Si-SiC, g-
SiC, and SiCp/Al;0; measured at 1100°C.

of the batch-to-batch variation, as described
above. This temperature is very close to the melting
point of Si and it is likely that there were enough
impurities present in the Si to lower the melting
point below 1400°C, an assumption supported by
the observation of metal beads on the surface of
some of the specimens.3® The total time to failure
at the slowest stressing rate at 1400°C was
approximately 400h, and these specimens also
showed essentially no permanent deflection; the
strength calculations (elastic beam) were assumed
to be valid. The SCG parameter, n, was calculated
according to eqn (2) and found to be 15-5. This
value is of the same order of magnitude as reported
for hot-pressed SiC,2>2” and lower than that for
sintered SiC.23-?° It is important to notice that this
is a value of the SCG parameter which indicates
that there will be a significant strength reduction
over time, and this must be taken into account in
the design of components of this material if used at
this temperature.

Figures 1 through 4 show that the strength of
Coors B-SiC was remarkably unaffected by tem-
perature and stressing rate. A slight strength
reduction as a function of time was seen at 1100°C,
but the 8% drop in strength at a time to failure of
more than 1000 h (stressing rate of 10~*MPas™!)
will result in an » value of 250, too high to develop
a significant amount of SCG. At 1400°C, the
strength level for the B-SiC remained almost
unchanged at all stressing rates.

The results shown in Figs 1 through 4 indicate
that there was no significant strength reduction as
a function of applied stressing rate at any tem-
perature for the SiCp/Al,03;. However, it is impor-
tant to note that this material could only be tested
up to stressing rates of 0-01 MPa s~! at 1400°C. At
the slower stressing rates, creep became so pro-
nounced that the four-point flexure fixtures could
no longer accommodate the specimens and, of
course, the elastic beam assumption was violated.
Also, at the 0-01 MPa s—! stressing rate, the creep
was measurable; and the strength values calcula-
ted according to beam theory therefore overesti-
mate the strength of the SiCp/Al,Os; under these
conditions.

Table 1. Summary of fast-fracture strength and Weibull parameters for three ceramics

No. of specimens Weibull modulus m Weibull characteristic strength Sy (MPa)

Average strength (M Pa)

B-SiC RT 30 12
B-SiC 1100°C 30 12
B-SiC 1400°C 29 10
Si-SiC RT 30 11
Si-SiC 1100°C 30 8
Si-SiC 1400°C 30 3
SiCp/A1,0; RT 30 10
SiCp/Al,03 1100°C 30 9
SiCp/Al,03 1400°C 30 13

390 374
388 374
397 376
404 386
450 424
348 308
435 414
246 233
217 210
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Fig. 4. Strength as a function of stressing rate for Si-SiC, and
B-SiCp/Al1,03; measured at 1400°C.

The creep properties of this SiCp/Al,O; compo-
site were investigated by performing static and
stepped tests in four point flexure. At 1100°C very
little permanent deflection was observed, and static
testing resulted in increased permanent deflection
at 1200°C. Static measurements at 1260°C showed
an increasing creep rate, and at 1300 and 1400°C
the creep rates were quite high. All these tempera-
tures were well above the melting point of Al-
alloys, but only at the highest temperature would
molten metal be apparent on the fracture surface.
In no case did molten metal seep out through the
surface oxide layer. A thorough description of the
flexural creep measurements for this material is
given elsewhere.*

For 8i-SiC, fractography provided further
insight into the SCG results. At 1100°C, for all
stressing rates, the fracture surfaces all showed the
characteristics of fast fracture. The fracture-initiat-
ing flaws were predominantly pores located near
the tensile surface. A typical example is shown in
Fig. 5, for a specimen tested at 1100°C, at
0-0001 MPa s~'. At 1400°C for the faster stressing
rates, the failure mode for the Si-SiC was of the
fast-fracture type with pores or Si-rich areas acting
as fracture initiation points. At the two slowest
stressing rates (0-0001 MPa s~! and 0-001 MPa
s~!) strength degradation was observed and the
fracture surfaces showed evidence of damage
zones. These damage zones seemed from the SEM
observations to be created from areas which were
rich in Si-alloy (see Fig. 6 for a typical example).

Fractography of the B-SiC material showed that
the failure mode remained unchanged with tem-
peratures and stressing rates. The majority of
specimens (for all conditions) failed from pores of
the type shown in Fig. 7.

For the SiCp/Al,O; composite, fractography
showed that the majority of the specimens failed
from metal inclusions of the type shown in Fig. 8.
At 1400°C, the inclusions tended to be larger, and

at the slower stressing rates, the specimens failed
from creep damage as shown in Fig. 9. The creep
damage differed from SCG zones in the existenceof
an area with a rough surface and multiple cracks
and ridges which finally coalesced to cause failure.
Fractographic investigation of the specimens
fractured under various creeping conditions
showed this type of creep damage. Under none of
the test conditions was any damage typical of
SCG observed, i.e. damage zones which would
consist of growth of cracks around the metal-rich
inclusions which were the fast-fracture failure ori-
gins. The implication is that this SiCp/Al,O;
composite does not exhibit SCG under the present
conditions, but undergoes a transition from a fast-
fracture failure mode at 1100°C (at slow stressing
rates) to creep failure at 1260°C and 1400°C, at
intermediate stressing rates and fast stressing rates,
respectively.

4 Conclusions

The room-temperature strengths of the three cera-
mics studied here were very comparable, at about
400 MPa. This strength level is assumed to be suf-
ficient for the present application; i.e. for transport
and assembly of ceramic heat exchangers. In situ, it
is not expected that heat exchanger tubes would
experience stresses at such high levels, unless
excursions from normal operating conditions are
experienced.

The Si-SiC ceramic did not exhibit SCG at
1100°C, but at 1400°C, strength degradation was
observed as a function of stressing rate, and the n
value was found to be ~15-5 at 1400°C. This is a
significantly low number so that strength degrada-
tion over time must be accounted for in component
design.

Fig. 5. Typical fracture-initiating flaw in Si-SiC measured in
fast-fracture at 1400°C.
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The dynamic fatigue experiments showed that
Coors B-SiC exhibited no SCG over the tem-
perature and stressing rate regime used in these
experiments. Earlier studies on sintered SiC had
shown that some SCG may occur at higher tem-
peratures, but the current material exhibited no

SCG - ZONE

Fig. 6. Slow-crack growth region in SiSiC measured at 1400°C
at a stressing rate of 0-0001 MPas—!.

Fig. 7. Typical fracture-initiating flaw in g-SiC measured in
fast-fracture at 1400°C.,

METALRICH
INCLUSION

Fig. 8. Typical fracture initiating flaw in SiCp/Al,O; mea-

sured in fast-fracture at room temperature. The tensile surface

in the lower part of the figure is smooth due to the reoxidation
procedure the specimens underwent prior to testing.

such behavior. It is important to note that the
present experiments also range over considerably
longer testing times (slower stressing rates) than
were employed in most of the results cited in the
literature. It would therefore seem to be a sound
conclusion that this type of SiC does not exhibit
SCG up to 1400°C.

The SiCp/Al,0; composite did not exhibit SCG at
1100 or 1400°C. However, at 1400°C, creep became
the dominating failure mechanism at stressing rates
of 0-01 MPa s~! and less. At 0-001 MPa s~!, creep
became sufficient that the specimens deformed and
reached the bottom of the fixture before they
fractured. At 0-01 MPa s~!, the specimens were
fractured at a load comparable to the fast-fracture
load; however, the specimens had undergone
considerable creep deformation, and the resulting
strength calculated from elastic beam theory was
therefore overestimated. Consequently, the SiCp/
Al,O; composite experienced some strength
reduction as a function of stressing rate, but this
was primarily due to creep rather than SCG, as
was confirmed by the fractographic investigation.
At 1100°C, creep was much less important,
although some permanent deflection was observed
after long testing times at this temperature.

The failure modes were investigated by optical
microscopy and SEM. The observations on frac-
ture-initiation sites are consistent with the strength
measurements. Si-SiC experienced failure from
pores at room temperature. At elevated tempera-
ture, fast-fracture failures were from pores or
metal-rich areas, dependent on the batch of mate-
rial. At 1100°C, the failures at the various stressing
rates were consistent with no strength loss; i.e.

Fig. 9. Creep damage in SiCp/Al,O3; measured at 0-0lMPas™!
at 1400°C.
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failures were initiated from pores or metal-rich
areas, as in the case of fast-fracture. At 1400°C the
failure modes changed as a reduction in strength
was observed. At stressing rates of 0-001 and
0-0001 MPa s~!, SCG zones which had originated
from metal-rich areas were observed. Coors B-SiC
failed from pores at all temperatures and stressing
rates, consistent with the very uniform strength
values and Weibull moduli. SiCp/Al,O; failed from
metal-rich areas at lower temperatures and faster
stressing rates, but the fracture mode changed to
creep failure for the slower stressing rates at
1400°C. The difference between the SCG zones
observed in Si-SiC and creep failure observed in
SiCp/Al, O, is that the SC(G zone was localized and
had clearly grown out from a specific flaw, while
the fracture surface in the crept specimens showed
a larger damage area spread out over the tensile
zone and contained numerous small cracks. Under
none of the combinations of stress, stressing rate
and temperature were any indications of SCG
found in this material. It is therefore concluded
that the SiCp/Al,O; undergoes a transition from
fast-fracture to creep failure without undergoing
SCG.

The different behavior observed for these three
ceramics has important implications for the
approach to use in the design of ceramic com-
ponents. For the B-SiC material, design can be
performed using fast-fracture and reliability con-
cepts, while for the Si-SiC different design data will
have to be used for different temperature regimes.
At 1400°C, not only does the high variability of the
material need to be taken into account, but also the
shortened time to failure due to SCG. For the
SiCp/Al,O3; composite, a design against creep
failure must be applied, noting especially that creep
becomes more pronounced at higher temperatures.
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